and the fracture-promoting dislocations would
move closer to the crack tip (2/). Additional
energy dissipation by dislocation motion is in-
significant compared with crack-tip shielding at
these low temperatures. Low-temperature frac-
ture toughness increases with predeformation;
thus other processes must be invoked. The only
reasonable explanation is that the preexisting
dislocations in the highly stressed vicinity of the
crack tip act as sources for dislocations, which
provide more efficient shielding.

At intermediate temperatures, the beneficial
effect of the predeformation vanishes and the
fracture toughness of the predeformed speci-
mens islower than that of the reference speci-
mens. This"is attributed to the increased yield
strength and lower dislocation mobility pro-
duced by work hardening. The reduced dislo-
cation mobility will not only decrease the frac-
ture toughness but must also be expected to
shift the BDTT to higher temperatures. Similar
behavior is also found in NiAl single crystals
(5). These observations strongly indicate that
the BDT is controlled by dislocation mobility.

At low temperatures, dislocation nucleation
is the limiting process because of the scarcity of
active sources. When the temperature is suffi-
ciently high to actjvate a large number of sourc-
es, or the number of active sources is increased
by predeformation, dislocation mobility as-
sumes control of the nucleation rate, and the
fracture toughness becomes rate dependent.
Such a loading rate dependence of the fracture
toughness of tungsten is found in room temper-
ature experiments but not at liquid nitrogen
temperature. It is evident that any model for the
BDT must necessarily include dislocation mo-
bility and cannot be based exclusively on dis-
location nucleation.

In the whole temperature regime of the
present investigation, plasticity in tungsten is
believed to be controlled by the mobility of the
screw dislocations [for example, see (22)].
However, the activation energy for the glide of
these dislocations iS Qgey, = 2 €V (23, 24),
whereas the activation energy for the BDT
Oppr = 0.2 €V is much closer to the activation
energy for the glide of nonscrew (edge) dislo-
cations, Qegee = 0.2 to 0.5 €V (23, 25). Con-
sequently, development of a plastic zone at the
crack tip cannot be limited by the same mech-
anisms as bulk plasticity. A possible mecha-
nism to lower the high activation barrier for
screw dislocation motion could involve the
high-stress region around the crack tip. If a
dislocation—either one that is generated at the
crack tip or a preexisting one—moves in the
“singular” stress field along the crack tip, it will
generate dislocation segments of nonscrew
character parallel to the crack tip, which are
highly mobile and must be expected to provide
highly efficient shielding. However, the de-
tailed mechanisms for the different crystallo-
graphic orientations of the crack remain to be
clarified.
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The results clearly show that the fracture
toughness in the semibrittle fracture regime
below the BDTT is strongly dependent on the
availability and activity of dislocation sourc-
es. However, it becomes evident that, in ma-
terials other than dislocation-free silicon, the
BDT itself is not controlled by the availabil-
ity of sources but must be interpreted as a
thermally activated process controlled by the
mobility of dislocations.
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A Tough, Thermally Conductive
Silicon Carbide Composite
with High Strength up to

1600°C in Air

Toshihiro Ishikawa,* Shinji Kajii, Kenji Matsunaga,
Toshihiko Hogami, Yasuhiko Kohtoku, Toshio Nagasawa

A sintered silicon carbide fiber-bonded ceramic, which consists of a highly
ordered, close-packed structure of very fine hexagonal columnar fibers with a
thin interfacial carbon layer between fibers, was synthesized by hot-pressing
plied sheets of an amorphous silicon-aluminum-carbon-oxygen fiber prepared
from an organosilicon polymer. The interior of the fiber element was composed
of sintered B-silicon carbide crystal without an obvious second phase at the
grain boundary and triple points. This material showed high strength (over 600
megapascals in longitudinal direction), fibrous fracture behavior, excellent high-
temperature properties (up to 1600°C in air), and high thermal conductivity

(even at temperatures over 1000°C).

Silicon carbide fiber—reinforced ceramic matrix
composites (SiC-CMCs) are being developed
as a candidate for toughened thermostructural
materials (/). However, at present, no SiC-

CMCs can withstand actual long use at high
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temperatures (>1500°C) in air, because of the
problems of heat resistance or oxidation resis-
tance or both of the fiber and interphase (2, 3).
Moreover, under load, cracks in the matrix
caused by creep failure of the fiber also accel-
erate fatal oxidation of the composites (4). We
developed a type of toughened SiC-based ma-
terial containing perfectly close-packed, very
fine hexagonal columnar fibers that consist of a
sintered structure of B-SiC crystals. At the in-
terface between the hexagonal columnar fibers,
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a very thin interfacial carbon layer uniformly
exists, which results in a fibrous fracture behav-
ior. This material has a very high fiber volume
fraction (~100%) and showed excellent oxida-
tion resistance even at 1600°C in air and main-
tained the initial high strength up to such high
temperatures. Furthermore, this material (sin-
tered SiC fiber-bonded ceramic) showed rela-
tively high thermal conductivity even at high
temperatures (>1000°C), which would allow
its use in the fabrication of high-temperature
heat exchanger components.

An amorphous Si-Al-C-O fiber, which is
the starting material of the sintered SiC fiber—
bonded ceramic, was synthesized from poly-
aluminocarbosilane, which was prepared by the
reaction of polycarbosilane (-SiH(CH,)-CH,-),,
with aluminum(IIT) acetylacetonate. The reac-
tion of polycarbosilane with aluminum(III)
acetylacetonate proceeded at 300°C in a nitro-
gen atmosphere through the condensation reac-
tion of Si-H bonds in polycarbosilane and the
ligands of aluminum(IIl) acetylacetonate ac-
companied by the evolution of acetylacetone
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Fig. 1. X-ray diffraction pattern of the sintered
SiC fiber-bonded ceramic. The sintered SiC fi-
ber-bonded ceramic was pulverized, and the
x-ray diffraction pattern of the powder was
recorded with a Rigaku x-ray diffractometer
with Cu Ka radiation with a nickel filter.
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(5). The molecular weight then increased be-
cause of the cross-linking reaction in the for-
mation of the Si—Al-Si bond. Polyaluminocar-
bosilane was melt-spun at 220°C, and then the
spun fiber was cured in air at 153°C. The cured
fiber was continuously fired in inert gas up to
1350°C to obtain an amorphous Si-Al-C-O fi-
ber with diameters of about 10 pm (87% be-
tween 8 and 12 pm). This fiber contained a
nonstoichiometric amount of excess carbon and
oxygen (about 11 weight %). Unidirectional
sheets with thicknesses of about 100 um were
prepared with the Si-Al-C-O fiber. Laminated
materials, prepared with the unidirectional
sheets, were hot-pressed at 1800°C and 50 MPa
to obtain the sintered SiC fiber-bonded ceramic
mainly composed of B-SiC crystal (Fig. 1).
During hot-pressing, amorphous Si-Al-
C-O fiber was converted into a sintered SiC
fiber by way of a decomposition, which re-
leased CO gas, and a sintering process ac-
companied by a morphological change from a
round columnar shape to a hexagonal colum-
nar shape. In this sintering process, aluminum
in the fiber has to be controlled under 1
weight %. Such a sintered SiC fiber element
(with <1 weight % Al) showed a densified
structure and transcrystalline fracture behav-

Decomposition & deformation —~—— Sintering —w-

/
R:Ius; of CO
—
Hol-press Hat-press

~1700°C 1800°C

Amorphous Si-Al-C-O fibre Sintered SiC fibre-bonded

ceramics

Fig. 2. Schematic of the production process for
the sintered SiC fiber-bonded ceramic. The fi-
ber is Si;C; 5s0q.4Al; 014 The right panel shows
the close-packed structure of the fiber with the
interfacial carbon layer.
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ior. The production process of the sintered
SiC fiber-bonded ceramic is shown in Fig. 2.

The sintered SiC fiber-bonded ceramic
showed a perfectly close-packed structure of
the hexagonal columnar fibers with a very thin
interfacial carbon layer (Fig. 3A). The interior
of the fiber element was composed of sintered
-SiC crystal without an obvious second phase
at the grain boundary and triple points (Fig.
3B). Energy-dispersive x-ray (EDX) spectra
taken at these places did not indicate the pres-
ence of aluminum within the detectability limit
(~0.5 weight %) for the EDX system used.
Because of the existence of the very thin inter-
facial carbon layer, the sintered SiC fiber—bond-
ed ceramic exhibited a fibrous fracture behavior
and a large amount of fiber pull-out could be
observed (Fig. 3C). Accordingly, the sintered
SiC fiber-bonded ceramic showed nonlinear
fracture behavior and relatively high fracture
energy (1200 J/m?) compared with monolithic
ceramics (for example, 80 J/m? for silicon ni-
tride) (Fig. 3D). This is closely related to the
high fiber volume fraction and the existence of
a strictly controlled interphase. The interfacial
carbon layer has a turbostratic layered structure
oriented parallel to the fiber surface, as can be
seen from a high-resolution transmission elec-
tron micrograph of the carbon layer (Fig. 3E).

The sintered SiC fiber-bonded ceramic
showed excellent high-temperature properties
compared with ordinary SiC-CMCs. The result
of a four-point bending test of the sintered SiC
fiber-bonded ceramic up to high temperatures
is shown in Fig. 4A, along with the result for an
ordinary SiC-CMC with a representative SiC
fiber, Hi-Nicalon. The sintered SiC fiber—bond-
ed ceramic retained its initial strength (for a
unidirectional specimen, greater than 600 MPa)
up to 1600°C, whereas the Hi-Nicalon SiC/SiC
showed a definite decrease in strength at tem-

Fig. 3. (A) A scan-
ning electron micro-
scope (SEM) image of
the cross section of
the sintered SiC fiber—
bonded ceramic. The
box in {A) is enlarged
in (B). (B) A transmis-
sion electron micro-
scope (TEM) image
near the SiC grain
boundary in the fiber
element of the sin-
tered SiC fiber—bond-
ed ceramic. (C) The
fracture surface of the
sintered SiC fiber-
bonded ceramic. (D)
The  load-displace-
ment curve of the sin-
tered SiC fiber—bond-
ed ceramic in fracture
energy test by chev-

ron notched beam method at room temperature. The fracture energy test was performed with a cross-plied, notched specimen with dimensions of about 4
mm by 3 mm by 40 mm. (E) A high-resolution TEM image of the interfacial carbon layer of the sintered SiC fiber—bonded ceramic. The SEM image and the
TEM images were obtained with a Hitachi S-5000 operated at 20 kV and JEOL 4000EX operated at 3000 kV, respectively.
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peratures above 1200°C (3). Other types of
SiC/SiC composites also show the same behav-
ior as the Hi-Nicalon SiC/SiC (4, 6). In general,
the high-temperature properties of conventional
SiC-CMCs are closely related to the high-tem-
perature strength of the reinforcing fiber. The
strength of Hi-Nicalon gradually decreases with
an increase of measuring temperature, even in
inert atmosphere; at 1500°C, the strength is
-about 43% of its low-temperature strength (7).
Accordingly, it has been concluded that the
above reduction in the strength of the Hi-Nica-
lon SiC/SiC is due to the change in the fiber
property at high temperatures. However, the
sintered SiC fiber, which consists of the same
composition and interior structure as the sin-
tered SiC fiber-bonded ceramic, is very stable
up to 2000°C (8). Moreover, the sintered SiC
fiber shows negligible stress relaxation up to
higher temperatures compared with other rep-
resentative SiC fibers. On the basis of these
findings, we attribute the high-temperature
strength of the sintered SiC fiber-bonded ce-
ramic to the high-temperature properties of the
fiber element.

Researchers have been developing SiC-
CMCs to obtain an oxidation-resistant, tough
thermostructural material. In general, a SiC-
based material easily forms a protective oxide
layer on its surface at high temperatures in
air, leading to the well-known excellent oxi-
dation resistance. The formation of the pro-
tective oxide layer proceeds in air according
to the following reaction:

28SiC + 30, = 28i0, + 2CO
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In this reaction, the oxygen diffusion through
the oxide layer is the rate-determining step.
However, at temperatures above 1600°C in
air, considerable vaporization of SiO or SiO,
from the formed oxide layer begins to occur,
so that a weight loss of the SiC-based mate-
rial becomes conspicuous under the above
conditions. Accordingly, as long as non-
coated SiC-based material is used in air, the
upper limit of temperature is at around
1600°C. The sintered SiC fiber-bonded ce-
ramic, which showed no change even at
1800°C in argon, also showed no marked
weight loss up to 1600°C in air (Fig. 4B), a
temperature at which this material still retains
its initial strength. From these findings, the
sintered SiC fiber-bonded ceramic is found
to be furnished with sufficient heat resistance
even in air. To aid in the understanding of the
oxidation behavior, we show a hypothesis
concerning the structural changes of the sin-
tered SiC fiber-bonded ceramic during oxi-
dation at around 1600°C in air in Fig. 5.

The sintered SiC fiber-bonded ceramic
has potential for use in heat exchangers be-
cause of its relatively high thermal conduc-
tivity at temperatures above 1000°C. Figure
4C shows the thermal conductivity of the
sintered SiC fiber-bonded ceramic in the di-
rection through the thickness and the fiber
direction along with other materials including
representative SiC/SiC composite (CVI).

In general, the thermal conductivity of ce-
ramics with strong covalent bonds is caused
mainly by the transmission of phonons (lattice
vibration). According to this theory (9), the
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Fig. 4. (A) The strength of the sintered SiC fiber—bonded
ceramic in a four-point bending test at various temperatures up

to 1700°C. The SiC fiber-bonded ceramic is unidirectional. The Hi-Nicalon SiC/SiC composite is
two-directional and has a three-point bending strength. (B) The weight changes of the sintered SiC
fiber-bonded ceramic after heat treatment up to 1700°C in air for 10 hours. (C) Thermal conductivity
of the sintered SiC fiber-bonded ceramic in the direction through the thickness and the fiber direction
along with other materials including representative SiC/SiC composite (CV1). The thermal conductivity
K was calculated as K = WCD, where W is the thermal diffusivity, C is the specific heat, and D is the
density. The thermal diffusivity and specific heat were measured by a laser flash method.
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Fig. 5. A hypothesis concerning the structural
changes of the sintered SiC fiber-bonded ce-
ramic during oxidation at high temperatures at
around 1600°C in air.

desirable conditions for high thermal conduc-
tivity are as follows: (i) small mass of constit-
uent atoms, (ii) strong bonding strength be-
tween the constituent atoms, (iii) short distance
between neighboring atoms, (iv) simple crystal-
line structure, and (v) high symmetry in lattice
vibrations. Fundamentally, although the SiC
crystal satisfies the above conditions, in the
case of polycrystalline ceramics like the present
sintered SiC fiber-bonded ceramic, an ordered
structure at the grain boundary is important for
obtaining high thermal conductivity. As men-
tioned above, in the fiber element of the fiber-
bonded ceramic, many SiC crystals of 0.1 to 0.4
pum in diameter are directly in contact with
other similar crystals without any obvious in-
tercrystalline phase (Fig. 3B). Furthermore, the
fiber-bonded ceramic showed almost void-less
structure (porosity of less than 1 volume %) and
very high fiber volume fraction (~100%). This
structure accounts for the very high thermal
conductivity of the sintered SiC fiber—bonded
ceramic compared with other representative
SiC-CMCs. For example, the thermal conduc-
tivity of Nicalon SiC/SiC (CVI) with a pyro-
lytic carbon interface is about 7 W/mK ().
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