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Controlling Factors for the 
Brittle-to-Ductile Transition in 

Tungsten Single Crystals 
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Materials performance in structural applications is often restricted by a tran- 
sition from ductile response to brittle fracture with decreasing temperature. 
This transition is currently viewed as being controlled either by dislocation 
mobility or by the nucleation of dislocations. Fracture experiments on tungsten 
single crystals reported here provide evidence for the importance of dislocation 
nucleation for the fracture toughness in the semibrittle regime. However, it is 
shown that the transition itself, in general, is controlled by dislocation mobility 
rather than by nucleation. 

Some materials are biittle and shatter like glass; 
whereas others are ductile and defolmable. Sev- 
eral mateiials, such as the refractory metals, 
steels, and semiconductor crystals, exhibit both 
types of behavior (1-5) with a brittle-to-ductile 
transition (BDT ) at a characteristic tempera- 
ture. A crack introduced into a material may 
propagate as a brittle crack with an atoinically 
sharp crack front; alternatively, the material 
near the crack tip may show sufficient plasticity 
to slow donn or arrest the crack. Crack-tip 
plasticity comprises two distinct processes, nu- 
cleation of dislocations at or near the crack tip 
and their propagation away from the crack. 
Several models desciibe the BDT as a nucle- 
ation-controlled event (6, 7);  and others focus 
on dislocation mobility as the controlling factor 
(8-10). 

The experimental evidence on the control- 
ling factors of the BDT, which has been 
obtained mostly from silicon single crystals, 
remains inconclusive. On the one hand, the 
teinperature at which the BDT occurs [BDT 
temperature (BDTT)] is strongly dependent 
on the strain rate, which allows an activation 
energy for the BDT to be determined. This 
activation energy has been shown to be equal 
to that for dislocation motion (2, 8, 9), which 
suggests a mobility-controlled BDT. On the 
other hand, specimen size and the availability 
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of dislocation sources have a pronounced in- 
fluence on the fracture toughness to the de- 
gree that they may even switch the material's 
behavior from brittle to ductile (11). 

We perfolmed cleavage experiments on 
tungsten single clystals to detenniile the con- 
trolling factors of the BDT. To exclude distur- 
bances from grain boundaries, single crystals 
were chosen. Fracture toughness tests were per- 
formed on all four low-index crack systems. A 
crack system is specified by the nominal crack 
plane and the crack front direction. The four 
crack systems studied are therefore denoted as 
(100)<010>, {100)<011>; {11O)<1TO>; 
and (1 10)<001> in ciystallographic notation. 
The temperature range covered by the expeii- 
inents was between the liquid nitrogen temper- 
ature (77 K) and 650 K. The toughness tests 
were performed on high-purity (12) tungsten 
single crystal bars (3 mm by 6 mrn by 30 mm) 
loaded in three-point bending. To obtain a well- 
defuled value for the fracture toughness, a shaip 
crack front was introduced by precracking at 
77 K. Precrack length was evaluated from the 
compliance and, where possible, was also de- 
termined postmortem on the fracture surfaces, 
where faint airest lines are visible. The tests 
were performed with a constai~t loading rate, 
which translates into an almost constant stress 
intensity rate of 0.10 1 0.02 MPa m',2/s (13). 
More details of the experimental procedure are 
given in (14). 

Multiple tests (more than five) were con- 
ducted for all four crack systems at room 
temperature and at 77 K. Several individual 
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tests at other temperatures were performed to 
determine the teinperature dependence of the 
fracture toughness (Fig. 1). Macroscopically, 
the transition from brittle to ductile response 
usually correlates with the maxiinurn in frac- 
ture toughness. The teinperature at this max- 
imum was taken as the BDTT and was deter- 
mined from Fig. 1 within 30 to 60 K (Table 
1). The so-defined BDTTs fell into an inter- 
val of 100 K for all four crack systems, even 
though both (110) crack systems had a sig- 
nificantly higher room temperature fracture 
toughness than the { 100) systems (Table 1). 

Testing at 77 K always resulted in brittle 
cleavage fracture on the precrack plane for all 
four crack systems. The load-displacement 
curves showed perfectly linear behavior up to 
the load at which fracture occurred. The frac- 
ture surfaces were clean except for a few 
river lines. 

At room temperature and above; most of 
the fracture specimens revealed small devia- 
tions from linearity in the load-displacement 
curves before final fracture, indicating a lim- 
ited amount of plastic relaxation. The fracture 
surfaces were significantly rougher than 
those of the precracks and of the specimens 
tested at 77 K. Cleavage below the BDTT 
was always catastrophic. No noticeable 
amount of slow crack growth was observed. 

The preexisting dislocation density and the 
availability of dislocation sources can be in- 
creased by plastic deformation before tough- 
ness testing. Specimens with a (1 10)<1T0> 
crack system were deformed by compression 
along the <110> (long) axis at 400°C to a 
plastic strain of E,, = 0.1 before precracking. 
At low temperatures the predeformed speci- 
mens are significantly tougher than the unde- 

Table 1. BDTT and fracture toughness o f  tungsten 
single crystals fo r  t h e  {loo) and {IIO) cleavage 
planes w i t h  di f ferent crack f ron t  directions. Frac- 
t u r e  toughness a t  r o o m  temperature KRT and a t  
l iquid ni t rogen temperature K77K are mean values 
f r o m  a t  least f ive indiv idual  measurements (stan- 
dard deviat ion i n  parentheses). Fracture toughness 
is in  MPa m12.  

Crack system BDTT (K) KRT ~ 7 7 K  
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formed specimens (Fig. 2). However, their frac- 
ture toughness remains almost constant, in- 
creasing only marginally up to 370 K. Above 
this temperature a drastic increase in fracture 
toughness is observed. The BDT occurs at 
about 470 K, which is 100 K higher than in the 
undeformed material. 

At higher temperatures, up to the BDTT, a 
higher loading rate always lowers the fracture 

influence of the propagation direction was an- 
alyzed in detail elsewhere and was interpreted 
as an anisotropy of the lattice trapping (15.16). 

The increase of the fracture toughness 
with temperature in the semibrittle fracture 
regime below the BDTT is more difficult to 
interpret. The fracture surfaces of (110) 

line of the precrack (Fig. 4A). In contrast, after 
ftacture at room temperature, dislocation etch 
pits show a very dense population of dislocation 
sources along the crack h n t  (Fig. 4B). The 
length of the dislocation traces emanating h m  
these sources, however, is only slightly greater 
than in the low-temperature fracture. 

The topology of the crack front and of the 
precrack do not vary significantly with the 

specimens tested at higher temperatures show 
many more steps and facets than the fracture 

toughness (Fig. 3). At room temperature, the 
fracture toughness decreases linearly with the 
logarithm of the loading rate from 16 to 6 
MPa m'I2 when the loading rate is increased 
from 0.04 to 6 MPa m'"ls. Furthermore, the 
BDTT increases significantly with the load- 
ing rate. In an Arrhenius plot (log K versus 
l/BDTT), all values fall on a straight line, 
yielding an activation energy for the BDT in 
tungsten of Q,,, - 0.2 eV. 

At low temperatures, in contrast, the results 

surfaces from the low-temperature tests. In 
contrast, the appearance of (100) fracture 

testing temperature, because all specimens 
were precracked at 77 K. Thus, the increase 

surfaces does not vary significantly with tem- 
perature. In any case, the significant increase 

in the density of dislocation sources at higher 
testing temperatures suggests that additional 
sources are activated. A high density of dis- 
location sources along the crack tip is neces- 
sary to produce global shielding of the crack 
tip, because the zone of effective shielding 
may be localized around a source (19). Only 
when this global shielding is achieved does 
the size of the plastic zone, and thus disloca- 
tion mobility, become important. 

Evidence for the importance of the num- 
ber of active dislocation sources from our 
experiments on predeformed samples has 
been presented. A similar increase in fracture 
toughness upon predeformation has also been 
observed in NiAl single crystals (5) and in 
silicon (20). 

Homogeneous predeforrnation increases the 
density of dislocations throughout the material. 
If the dislocation population around the crack 
tip were regarded simply as a polarizable me- 
dium, one would expect a lower hcture tough- 
ness with increased dislocation density (polar- 
izability), because the beneficial shielding dis- 
locations would move away from the crack tip 

in fracture toughness with temperature has to 
be interpreted as the onset of plastic defor- 
mation in the vicinity of the crack tip. The 
increased dislocation activity causes a blunt- 
ing of the crack tip. Furthermore, dislocations 
cause a severe stress relaxation at the crack 
tip by shielding it from the applied load. 

of the mechanical tests reveal a unique value for 
the fracture toughness of single crystals inde- 

In tungsten, dislocations penetrating the 
fracture surface can be made visible by chem- 

pendent of the loading rate. This value is close 
to but somewhat larger than the minimal frac- 

i d  etching with an aqueous solution of 
K,Fe(CN), and NaOH (1 7). This process is 

ture toughness predicted from the surface ener- 
gy (15). The low-temperature fracture tough- 
ness shows a dependence on the state of pre- 
deformation and the crystallographic orienta- 
tion of the crack. It varies not only with the 

highly anisotropic and gives best results on 
tungsten { 100) surfaces, whereas no etch pits 
are produced on { 1 10) surfaces (18). Disloca- 
tion etch pits on the {100)<010> fracture 
surface produced at 77 K reveal the activity of 

cleavage plane but also with the propagation 
direction within a given cleavage plane. This 

a few discrete dislocation sources at the arrest 

Fig. 2. Temperature dependence of pre- 
deformed samples (circles) compared with un- 
deformed reference samples (triangles). Re- 
maining assignments are as in Fig. 1. 

Fig. 1. Dependence of fracture toughness on tem- 
perature T and crystallographic orientation of the 
sample. Results for (100) fracture surfaces are 
displayed in (A), and those for {llO) fracture 
surfaces are shown in (B). The <001> crack front 
is indicated by circles and the <011> front is 
indicated by triangles. Filled symbols represent 
fracture toughnesses (left axis) and open symbols 
represent stresses at failure, which are normalized 

Fig. 3. Loading rate K dependence of frac&re 
toughness K of a specimen with {110}<110> 
crack *em. Triangles, K = 0.1 MPa rn1'*ls; 
squares, K = 0.4 MPa mll'/s; circles, K = 1.0 MPa 
ml"ls. Remaining assignments are as in Fig. 1. 

Fig. 4. Fracture surface of a (100)<010> crack 
produced at 77 K (A) and at 298 K (6). Arrow- 
heads mark arrest front of the precrack. 

by crack length a for compatibility with the frac- 
ture toughness scale (right axis). Lines are shown 
only as a visual guide. 
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and the fracture-promoting dislocations would 
move closer to the crack tip (21). Additional 
energy dissipation by dislocation motion is in- 
significant compared with crack-tip shielding at 
these low temperatures. Low-temperature frac- 
ture toughness increases with predeformation; 
thus other processes must be invoked. The only 
reasonable explanation is that the preexisting 
dislocations in the highly stressed vicinity of the 
crack tip act as sources for dislocations, which 
provide more efficient shielding. 

At intermediate temperatures, the beneficial 
effect of the predeformation vanishes and the 
fracture toughness of the predeformed speci- 
mens is lower than that of the reference speci- 
mens. This is attributed to the increased yield 
strength and lower dislocation mobility pro- 
duced by work hardening. The reduced dislo- 
cation mobility will not only decrease the frac- 
ture toughness but must also be expected to 
shift the BDTT to higher temperatures. Similar 
behavior is also found in NiAl single crystals 
(5). These observations strongly indicate that 
the BDT is controlled by dislocation mobility. 

At low temperatures, dislocation nucleation 
is the limiting process because of the scarcity of 
active sources. When the temperature is suffi- 
ciently high to activate a large number of sourc- 
es, or the number of active sources is increased 
by predeformation, dislocation mobility as- 
sumes control of the nucleation rate, and the 
fracture toughness becomes rate dependent. 
Such a loading rate dependence of the fracture 
toughness of tungsten is found in room temper- 
ature experiments but not at liquid nitrogen 
temperature. It is evident that any model for the 
BDT must necessarily include dislocation mo- 
bility and cannot be based exclusively on dis- 
location nucleation. 

In the whole temperature regime of the 
present investigation: plasticity in tungsten is 
believed to be controlled by the mobility of the 
screw dislocations [for example, see (22)l. 
However, the activation energy for the glide of 
these dislocations is Q,,,,, = 2 eV (23, 24), 
whereas the activation energy for the BDT 
Q,,, = 0.2 eV is much closer to the activation 
energy for the glide of nonscrew (edge) dislo- 
cations, Q,,,, = 0.2 to 0.5 eV (23, 25). Con- 
sequently, development of a plastic zone at the 
crack tip cannot be limited by the same mech- 
anisms as bulk plasticity. A possible mecha- 
nism to lower the high activation barrier for 
screw dislocation motion could involve the 
high-stress region around the crack tip. If a 
dis1ocatioi1-either one that is generated at the 
crack tip or a preexisting one--moves in the 
"singular" stress field along the crack tip, it will 
generate dislocation segments of nonscrew 
character parallel to the crack tip, which are 
highly mobile and must be expected to provide 
highly efficient shielding. However: the de- 
tailed mechanisms for the different crystallo- 
graphic orientations of the crack remain to be 
clarified. 

The results clearly show that the fracture 
toughness in the semibrittle fracture regime 
below the BDTT is strongly dependent on the 
availability and activity of dislocation sourc- 
es. However, it becomes evident that, in ma- 
terials other than dislocation-free silicon, the 
BDT itself is not controlled by the availabil- 
ity of sources but must be interpreted as a 
thermally activated process controlled by the 
mobility of dislocations. 
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A Tough, Thermally Conductive 
Silicon Carbide Composite 
with High Strength up to 

1600°C in Air 
Toshihiro Ishikawa," Shinji Kajii, Kenji Matsunaga, 

Toshihiko Hogami, Yasuhiko Kohtoku, Toshio Nagasawa 

A sintered silicon carbide fiber-bonded ceramic, which consists of a highly 
ordered, close-packed structure of very fine hexagonal columnar fibers wi th  a 
thin interfacial carbon layer between fibers, was synthesized by hot-pressing 
plied sheets of an amorphous silicon-aluminum-carbon-oxygen fiber prepared 
from an organosilicon polymer. The interior of the fiber element was composed 
of sintered p-silicon carbide crystal without an obvious second phase at the 
grain boundary and triple points. This material showed high strength (over 600 
megapascals in  longitudinal direction), fibrous fracture behavior, excellent high- 
temperature properties (up t o  1600°C in air), and high thermal conductivity 
(even at temperatures over 1000°C). 

Silicon carbide fiber-reinforced ceramic matrix temperatures (>1500°C) in air, because of the 
composites (Sic-CMCs) are being developed problems of heat resistance or oxidation resis- 
as a candidate for toughened thermostructural tance or both of the fiber and interphase (2, 3). 
materials (1). However, at present, no Sic- Moreover, under load: cracks in the mamx 
CMCs can withstand actual long use at high caused by creep failure of the fiber also accel- 

erate fatal oxidation of the composites (4). We 
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